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ABSTRACT: A series of nanocomposites of poly(ethylene
terephthalate) (PET) with the organoclay dodecyltriph-
enylphosphonium-mica (C12PPh-mica) were synthesized
with the in situ polymerization method. PET hybrid fibers
with various organoclay concentrations were melt-spun at
various draw ratios (DRs) to produce monofilaments. The
thermomechanical properties and morphologies of the PET
hybrid fibers were characterized with differential scanning
calorimetry, thermogravimetric analysis, wide-angle X-ray
diffraction, electron microscopy, and universal tensile anal-
ysis. The organoclay was intercalated in the polymer matrix
at all magnification levels, and some of the agglomerated

organoclay layers were greater than 50 nm thick. The ther-
mal stabilities and initial tensile moduli of the hybrid fibers
increased with an increasing clay content for DR � 1. For DR
� 1, the ultimate tensile strengths of the PET hybrid fibers
increased with the addition of clay up to a critical clay
loading and then decreased above that critical concentration.
However, the tensile mechanical properties of the hybrid
fibers did not improve with increasing DR. © 2005 Wiley
Periodicals, Inc. J Appl Polym Sci 98: 2009–2016, 2005
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INTRODUCTION

Organic/inorganic hybrids have generated substantial
recent interest as a result of their potential as single
molecular-scale composites with desirable organic
and inorganic characteristics and new properties aris-
ing from the interaction between the two compo-
nents.1–4 By the addition of a few weight percent of an
inorganic clay to a polymer matrix, the resulting
nanoscale composites have been found to exhibit sig-
nificant improvements in many properties in compar-
ison with those of the polymer matrix, such as their
mechanical and thermal properties, and in their flame
retardance.5–9 Furthermore, the incorporation of clay
can result in materials possessing excellent gas-barrier
properties with far less inorganic content than conven-
tionally filled polymer composites have.10,11

Of the various methods used in the preparation of
polymer/clay nanocomposites, in situ intercalation
polymerization enables significant control over both
the polymer architecture and the final structure of the
composite. The in situ intercalation polymerization

technique is also particularly attractive because of its
versatility and compatibility with the use of reactive
monomers, and it is beginning to be used in commer-
cial applications.12–15

Poly(ethylene terephthalate) (PET) is a semicrystal-
line polymer possessing excellent chemical resistance,
thermal stability, melt mobility, and spinnability.16,17

It is used in such diverse fields as the packaging,
electrical, automotive, and construction industries.
The melt polymerization process for producing PET
has two steps. The first step is the transesterification of
dimethyl terephthalate (DMT) with 1,2-ethylene gly-
col (EG) or the esterification of terephthalic acid with
EG. The second step is the polycondensation of the
transesterification or esterification product in vacuo,
which removes the polycondensation byproducts,
namely, EG and methanol, until the desired molecular
weight is reached.

The objective of this study was to evaluate the vari-
ation of the properties of PET nanocomposites as a
function of their organoclay content. Alkylammonium
derivatives of mica-type layered organoclays have
been employed in a wide variety of industrial and
scientific applications. However, we have found in
previous research that severe degradation of these
materials occurs during processing because of the
high processing temperature of PET.18–21 In this study,
we used a thermally stable phosphonium derivative of

Correspondence to: J.-H. Chang (changjinhae@hanmail.net).
Contract grant sponsor: Hallym University Research Fund

(2003).

Journal of Applied Polymer Science, Vol. 98, 2009–2016 (2005)
© 2005 Wiley Periodicals, Inc.



organomica to obtain PET hybrid fibers without the
occurrence of thermal degradation during processing.
In this article, we describe a new method for making
PET nanocomposites with in situ intercalation poly-
merization. Furthermore, we report the variations of
the thermomechanical properties and morphologies of
the PET nanocomposite fibers with the organoclay
content and draw ratio (DR).

EXPERIMENTAL

Materials

Na�-type fluorinated synthetic mica (Na�-mica), in
which the free OH groups of mica are replaced by
fluorine, was supplied by CO-OP, Ltd. (Tokyo, Japan).
Its cation-exchange capacity was 70–80 mequiv/100
g. All reagents were purchased from TCI, Junsei
Chemical Co. (Tokyo, Japan), and Aldrich Chemical
Co. (Seoul, Korea) The commercially available sol-
vents were purified with distillation.

Preparation of the organoclay

The organically modified mica, C12PPh-mica, used in
this study was synthesized with an ion-exchange re-
action between Na�-mica and dodecyltriphenylphos-
phonium chloride (C12PPh-Cl�).15 The chemical struc-
ture of C12PPh-mica is as follows:

Preparation of the C12PPh-mica/PET
nanocomposites

All the samples were prepared as melts. Because the
synthetic procedures for the hybrids were very simi-

lar, only a representative example, the procedure for
the preparation of the nanocomposite containing 2 wt
% organoclay, is described here. EG (62 g, 1.0 mol) and
1.96 g of C12PPh-mica were placed in a polymerization
tube, and the mixture was stirred for 30 min at room
temperature. DMT (97 g, 0.5 mol) and a few drops (1.2
� 10�4 mol) of isopropyl titanate were placed in a
separate tube, and this mixture was added to the
organoclay–EG system with vigorous stirring to ob-
tain a homogeneously dispersed system. This mixture
was heated at first for 1 h at 190°C under a steady
stream of N2 gas. The reaction mixture was then
heated to 230°C and maintained at that temperature
for 2 h under a steady stream of N2 gas. During this
period, the continuous generation of methanol was
observed. Finally, the mixture was heated for 2 h at
280°C at a pressure of 1 Torr. The product was cooled
to room temperature, repeatedly washed with water,
and dried in vacuo at 70°C for 1 day to obtain the PET
hybrid. The polymers were soluble in mixed solvents,
so a mixed solvent of phenol and 1,1,2,2-tetrachloro-
ethane (50/50 w/w) was used in the measurement of
the solution viscosity. The inherent solution viscosities
(see Table I) ranged from 0.86 to 1.02.

Extrusion

The composites were pressed at 270°C and 2500 kg/
cm2 for 2–3 min on a hot press. The �0.5-mm-thick
films obtained were dried in a vacuum oven at 80°C
for 24 h and then extruded through the die of a cap-
illary rheometer. The hot extrudates were stretched
through the die of the capillary rheometer (model
5460, Instron, High Wycombe, England) at 270°C and
immediately drawn at the constant speed of the take-
up machine to form fibers. The pure PET and PET
hybrids were extruded with various DRs, and the
thermal and tensile mechanical properties of the ex-
trudates were examined. The standard die diameter
(DR � 1) was 0.75 mm. When the organoclay content
of the hybrids was increased from 0 to 5 wt %, all

TABLE I
Thermal Properties of the PET Hybrid Fibers

Organoclay (wt %) DR IVa Tg (°C) Tm (°C) TD
i (°C) wtR

600b (%)

(pure PET) 1 1.02 71 245 370 1
1 1 0.86 71 246 383 17
2 1 0.98 75 245 385 18
3 1 0.97 75 246 387 19
5 1 0.94 67 227 389 22
5 3 67 226 389 22
5 10 67 228 389 22
5 16 67 227 389 22

a Inherent viscosity measured at 30°C with 0.1 g/100 mL solutions in a phenol/1,1,2,2-tetrachloroethane (50/50 � w/w)
mixture.

b Weight percentage of residue at 600°C.
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fibers obtained from the capillary rheometer were
bright yellow. The DR was calculated from the ratio of
the velocity of extrusion to the take-up speed. The
mean residence time in the capillary rheometer was
�3–4 min.

Characterization

The thermal behavior of these materials was investi-
gated with a DuPont model 910 differential scanning
calorimeter (Wilmington, DE) and a thermogravimet-
ric analyzer at a heating rate of 20°C/min under a flow
of N2. Wide-angle X-ray diffraction (WAXD) measure-
ments were performed at room temperature with a
Rigaku D/Max-IIIB X-ray diffractometer (Tokyo, Ja-
pan) with Ni-filtered Co K� radiation. The scanning
rate was 2°/min over a 2� range of 2–15°.

The tensile properties of the fibers were determined
with an Instron model 5564 mechanical tester at a
crosshead speed of 20 mm/min at room temperature.
The experimental uncertainties in the tensile strength
and the modulus were �1 MPa and �0.05 GPa, re-
spectively. The reported properties were obtained as
the average of at least 10 individual determinations.

The morphologies of the fractured surfaces of the
extruded fibers were investigated with a Hitachi
S-2400 scanning electron microscope (Tokyo, Japan).
An SPI sputter coater (Tokyo, Japan) was used to
sputter-coat the fractured surfaces with gold for en-
hanced conductivity. The samples were prepared by
the placement of the PET hybrid fibers into epoxy
capsules and then the curing of the epoxy at 70°C for
24 h in vacuo. The cured epoxies containing the PET
hybrids were then microtomed into 90-nm-thick slices,
and a layer of carbon, about 3 nm thick, was deposited
on each slice on a 200-mesh copper net. Transmission
electron microscopy (TEM) photographs of ultrathin
sections of the polymer/organoclay hybrid samples
were obtained with an EM 912 Omega transmission
electron microscope (Oberkochen, Germany) with an
acceleration voltage of 120 kV.

RESULTS AND DISCUSSION

WAXD

X-ray diffraction (XRD) is very useful for measuring
the d-spacing of ordered immiscible and ordered in-
tercalated polymer nanocomposites. The basal spac-
ings of the pristine clay and the organoclay are shown
in Figure 1. Each curve has one peak, corresponding to
basal spacings of 9.57 (2� � 10.76°) and 27.63 Å (2�
� 3.68°) for Na�-mica and C12PPh-mica, respectively.
As expected, the ion exchange between the clay (Na�-
mica) and C12PPh-Cl� resulted in an increase in the
basal interlayer spacing over that of pristine Na�-mica
and in a large shift of the diffraction peak toward

lower values of 2�.22–24 When the clay was modified
with this organic compound, it exhibited improved
compatibility with the polymer, so the clay galleries
could easily be intercalated with the polymer. In gen-
eral, larger gallery spacings normally translate into
increased dispersion and delamination in polymers.

The XRD results for the PET nanocomposite fibers
with organoclay concentrations varying in the range
of 0–5 wt % are shown in Figure 1. For PET with 1 wt
% organoclay, there is only a weak peak at d � 17.71
Å (2� � 5.74°). A substantial increase in the intensity
of this XRD peak can be observed for clay loadings in
the range of 1–5 wt %, and this suggests that the
dispersion is better at lower clay loadings than at
higher clay loadings and that agglomeration occurs at
higher clay loadings. However, the presence of the
organoclay had no effect on the location of the peak,
and this indicates that perfect exfoliation of the clay
layer structure of the organoclay in PET did not occur
in these nanocomposites.25

Figure 2 shows the XRD curves for PET nanocom-
posites containing 5 wt % organoclay with various
DRs. A peak at d � 17.71 Å (2� � 5.74°) was found in
the XRD results for the extrudate fibers with DR � 1.
When DR was increased from 1 to 16, the intensity of
this peak decreased gradually. It has previously been
suggested that increasing the stretching of the fiber
during extrusion results in a disordered crystalline
structure of clay in a polymer matrix.15

Morphology

Because of the differences in the scattering densities of
the clay and the PET matrix polymer, the clay agglom-
erates could easily be imaged with scanning electron
microscopy (SEM). SEM images of the fractured sur-

Figure 1 XRD patterns for clay, organoclay, and PET hy-
brid fibers with various organoclay contents.
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faces of the PET hybrid fibers containing 0–5 wt %
organoclay are compared in Figures 3 and 4. Figure 3
shows that clay phases form in the undrawn hybrid
fibers: the fibers with 0–5 wt % C12PPh-mica have
morphologies consisting of clay domains, 70–100 nm
in size, that are well dispersed in a continuous PET
phase. The particles of the dispersed clay phase were
easily detected for clay concentrations in the range of
1–5 wt %. Figure 4 shows micrographs taken of 5 wt %
C12PPh-mica/PET hybrid fibers with DRs ranging
from 1 to 16. The 5 wt % hybrid fiber with DR � 3
contains fine clay phases 60–80 nm in diameter [see
Fig. 4(b)]. The hybrid fiber with DR � 16 also exhibits
fine dispersion with domains 40–70 nm in diameter
[see Fig. 4(d)]. The domain size of the dispersed clay
phase decreases with increasing DR. This decline in
the domain size seems to be the result of excess
stretching of the fibers when the extrudates pass
through the capillary rheometer.26–29

More direct evidence of the formation of true nano-
composites is provided by the TEM images of an
ultramicrotomed section. Figure 5(a–c) shows photo-
graphs of PET hybrid fibers containing 5 wt % organo-
clay with DR � 1; the magnification level increases
from micrograph a to micrograph c. The dark lines are
the intersections of 1-nm-thick sheet layers. Figure 5
shows that the organoclay is intercalated (not exfoli-
ated) in the polymer matrix at all magnification levels
and that some of the agglomerated organoclay layers
are greater than 50 nm thick. The peaks in the XRD
patterns of these samples should be attributed to these
agglomerated layers (see Figs. 1 and 2).

Thermal behaviors

The thermal behaviors of pure PET and the hybrid
fibers obtained with various DRs are listed in Table I.
The glass-transition temperature (Tg) of the PET hy-
brid fibers increased linearly from 71 to 75°C with
increases in the clay loading from 0 to 3 wt %. The

increase in Tg of these hybrids could be due to two
different factors. First, the effect of small amounts of
dispersed clay layers on the free volume of PET is

Figure 3 SEM micrographs of PET hybrid fibers containing
(a) 0 (pure PET), (b) 1, (c) 2, and (d) 5 wt % C12PPh-mica.

Figure 2 XRD patterns for PET hybrid fibers with different
DRs and 5 wt % C12PPh-mica.

2012 CHANG, MUN, AND LEE



significant and influences Tg of the PET hybrids. The
second factor is the confinement within the clay gal-
leries of the intercalated polymer chains, which pre-

vents their segmental motions. Tg of the PET hybrid
fibers decreased from 75 to 67°C when the organoclay
loading in the PET matrix was increased from 3 to 5 wt

Figure 5 TEM micrographs of PET hybrid fibers with 5 wt
% C12PPh-mica and DR � 1, with the magnification level
increasing from micrograph a to c.

Figure 4 SEM micrographs of PET hybrid fibers with 5 wt
% C12PPh-mica and DRs of (a) 1, (b) 3, (c) 10, and (d) 16.
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%. This decrease in Tg seems to be the result of clay
agglomeration, which occurs for the addition of clay
to the polymer matrix above a critical clay load-
ing.30–32

The endothermic peak for pure PET appears at
245°C and corresponds to its melting-transition tem-
perature (Tm). The Tm values of the hybrid fibers were
fairly constant in the range of 245–246°C when the clay
loading was increased from 0 to 3 wt % and then
decreased to 227°C with 5 wt % clay. This suggests
that the 5 wt % organoclay domains may be more
poorly dispersed in the PET matrix than the 3 wt %
organoclay domains. In other words, a higher organo-
clay content leads to the agglomeration of clay parti-
cles, which reduces the heat insulation effect of the
clay layers in the polymer matrix.14,33 This evidence
for organoclay agglomeration in PET was confirmed
with XRD and TEM (see Figs. 1 and 5).

The initial thermal degradation temperature (TD
i ) of

the C12PPh-mica/PET hybrid fibers increased with
their organoclay concentration. The thermogravimet-
ric analysis (TGA) results for pure PET and PET hy-
brid fibers with 0–5 wt % C12PPh-MMT are shown in
Table I and Figure 6. Table I shows that TD

i (2% weight
loss) for PET hybrid fibers with clay compositions of
0–5 wt % are in the range of 370–389°C; the highest
value was obtained for 5 wt % C12PPh-mica/PET. The
increases in TD

i of these hybrid fibers with the organo-
clay content could be due to many different factors,
particularly the high thermal stability of the clay and
the interaction between the clay particles and the poly-
mer matrix. Similar trends have been noted in other
articles.34–36 A further factor could be the mass-trans-
port barrier introduced by the clay particles to the
volatile products generated during decomposi-
tion.37,38

The weight of the residue at 600°C increased from 1
to 22% with increases in the clay loading from 0 to 5%.
This enhancement of char formation was ascribed to
the high heat resistance of the clay.

For the PET hybrid fibers containing 5 wt % organo-
clay, the overall thermal properties were unchanged

with increases in DR from 1 to 16. We conclude that
the thermal properties of the PET hybrid fibers were
not affected by increases in the stretching of the fiber
during spinning.

Mechanical properties

Pure PET and the PET hybrids were extruded through
a capillary die at various DRs to examine the tensile
strengths and moduli of the extrudates with DR. The
tensile mechanical properties of PET and the hybrid
fibers are given in Table II. At DR � 1, the ultimate
tensile strength of the C12PPh-mica hybrid fibers in-
creased with the addition of clay up to a critical con-
tent and then decreased above that critical loading.
For example, the strength of 1 wt % PET hybrid fibers
was 72 MPa, which was about 60% higher than that of
pure PET (46 MPa). When the PET organoclay content
reached 5 wt %, the strength decreased to 55 MPa. This
decrease in the ultimate tensile strength was mainly
due to the agglomeration of clay particles above a
critical organoclay content, as we have described in
another article.39,40 Evidence for clay agglomeration
was also obtained with XRD, SEM, and TEM, as
shown in Figures 1, 3, and 5, respectively.

However, the initial modulus monotonically in-
creased with an increasing PET matrix organoclay
content (see Table II). At DR � 1, the initial modulus
increased from 2.21 to 3.40 GPa with linear increases
in the C12PPh-mica content up to 5 wt %. This en-
hancement of the modulus was ascribed to the high

TABLE II
Tensile Properties of the PET Hybrid Fibers

Organoclay
(wt %)

DR
Ultimate
strength
(MPa)

Initial
modulus

(GPa)
EB
(%)

0 (pure PET) 1 46 2.21 3
3 47 2.24 3

10 51 2.28 3
16 51 2.39 2

1 1 72 2.90 2
3 72 2.88 3

10 71 2.83 3
16 71 2.85 3

2 1 64 3.10 2
3 62 3.11 3

10 63 3.13 3
16 64 3.09 3

3 1 60 3.18 2
3 57 3.22 3

10 58 3.20 3
16 62 3.23 3

5 1 55 3.40 3
3 56 3.39 2

10 56 3.37 2
16 57 3.38 2

EB � elongation at break.

Figure 6 TGA thermograms of clay, organoclay, and PET
hybrid fibers with different organoclay content.
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resistance exerted by the clay. Furthermore, the in-
creased stretching resistance of the polymer chains
produced by the orientation of their backbones in the
galleries also contributed to the enhancement of the
modulus. This trend is consistent with results reported
elsewhere.41,42 According to Kojima et al.,42 regions in
a polymer/clay hybrid in which the polymer chains
are restricted in mobility make significant contribu-
tions to a hybrid’s tensile modulus. Thus, increasing
the clay content increases the restriction of the poly-
mer chains’ mobility and results in an increase in the
tensile modulus.

The elongation percentages required for breaking
the hybrid fibers were all in the range of 2–3%. These
values were constant for organoclay loadings in the
range of 1–5 wt %.

On the basis of the aforementioned results, we con-
clude that these enhancements of the mechanical
properties can be directly attributed to the reinforce-
ment provided by the intercalation of PET in clay
galleries and by the dispersion of clay particles in the
polymer matrix. The improvements in the tensile
properties produced by the clay layers depend on the
interactions between the rigid, rod-shaped polyester
molecules and the layered clay, as well as the rigidity
of the clay layers.

The variations in the tensile strengths and initial
moduli with DR were insignificant for pure PET, as is
usually the case for flexible, coil-like polymers. For
pure PET, as shown in Table II, the strength and the
modulus increased from 46 to 51 MPa and from 2.21 to
2.39 GPa, respectively, as DR was increased from 1 to
16.

The tensile mechanical properties of the PET hybrid
fibers did not improve with increasing DR. Similar
trends were observed for all of the hybrids containing
1–5 wt % organoclay for increases in DR from 1 to 16.
The variations in the ultimate strengths and initial

moduli of the hybrids with DR are plotted in Figures
7 and 8, respectively. An increase in the mechanical
tensile strength with increasing DR is very common
for engineering plastics and is usually observed for
flexible, coil-like polymers.43,44 However, our system
did not follow this trend. This tensile property seems
to be the result of poor interfacial interaction between
the organoclay and the matrix polymer, and this
means that increasing the stretching of the PET hybrid
fibers during spinning is not effective in producing a
better extension of the polymer matrix. Many re-
searchers45–47 have reported that an imperfect incur-
sion/matrix interface cannot sustain the large interfa-
cial shear stress that develops as a result of an applied
strain. The elongation at break of the hybrids was
virtually unchanged, remaining in the range of 2–3%
as DR was increased from 1 to 16.

CONCLUSIONS

PET/C12PPh-mica hybrids were prepared with the in
situ intercalation polymerization method. Hybrids
with various organoclay content were extruded with
various DRs from a capillary rheometer to investigate
the variation of their thermomechanical properties
and morphologies with DR. We used SEM and TEM to
confirm that the organoclays were intercalated, and
some of them were agglomerated within the polymer
matrix at all magnification levels. Tg of the hybrid
fibers increased with the addition of organoclay up to
a critical organoclay content (3 wt %) and then de-
creased with further increases in the organoclay con-
tent. However, TD

i monotonically increased for all in-
creases in the PET matrix organoclay content that we
studied. These thermal properties were unchanged
with variations in DR from 1 to 16 for the PET hybrid
fibers containing 5 wt % C12PPh-mica.

The ultimate tensile strength of the hybrid fibers
increased with increases in the C12PPh-mica content

Figure 7 Effects of DR on the ultimate tensile strength of
the organoclay content.

Figure 8 Effects of DR on the initial tensile modulus of the
organoclay content.
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up to 1 wt % and then decreased with further organo-
clay loading. However, the initial modulus gradually
increased with increasing organoclay content at DR
� 1. The tensile properties of the hybrid fibers were
better than those of the matrix polymer for all compo-
sitions that we tested. However, the tensile mechanical
properties of the PET hybrid fibers did not improve
with increases in DR.

Overall, the addition of small amounts of C12PPh-
mica to PET to create PET hybrid fibers improved the
thermomechanical properties of the fibers. We con-
clude that the properties of the clay particles affected
the thermal behavior and tensile mechanical proper-
ties of the polymer/clay hybrid fibers.
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